Freestanding nanomaterials (such as nanowires, nanoribbons and nanotubes) are known to exhibit ultra-large elastic strains and ultra-high strengths. However, harnessing their superior intrinsic mechanical properties in bulk composites has proven to be difficult. A recent breakthrough has overcome this difficulty by using a martensitic phase transforming matrix, in which ultra-large elastic strains approaching the theoretical limit is achieved in Nb nanowires embedded in the matrix. This discovery, whereas breaking a long-standing challenge, still limits our ability of harnessing the exceptional properties of nanomaterials and developing ultrahigh strength bulk materials to a narrow selection of phase transforming alloy matrices. In this study, we investigated the possibility to harness the intrinsic mechanical properties of nanoinclusions in conventional dislocation slip matrix based on a principle of synergy between the inclusion and the matrix. The small spacing between the densely populated hard and dislocation-impenetrable nanoinclusions departmentalize the plastic matrix into small domains to effectively impede dislocation motion within the matrix, inducing significant strengthening and large local elastic strains of the matrix, which in turn induced large elastic strains in the nanoinclusions. This dual phase synergy is verified in a Ti 3 Sn inclusions/B2-NiTi(Fe) plastic matrix model materials system. The maximum elastic strain of Ti 3 Sn inclusion obtained in the dislocation slip matrix is comparable to that achieved in a phase transforming matrix. This finding opens new opportunities for the development of high-strength nanocomposites.
Introduction
Nanomaterials, such as nanowires, nanoribbons and nanotubes, have been shown to exhibit exceptional mechanical properties far exceeding our expectations for their bulk counterparts. These properties include ultra-large elastic strains and ultra-high strengths approaching their theoretical limits [1] [2] [3] [4] [5] [6] [7] [8] [9] . For example, a Ge nanowire was measured to have a strength of 17 GPa 5 , a Cu nanowire showed an unprecedented large elastic strain of 7.2% 6 , and Al 2 O 3 nanowires
were measured to exhibit 8.5% elastic strain and 39 GPa fracture strength 9 .
Given these, much effort has been made in the past three decades by scientists in the world to design composites incorporating nanoinclusions with the intention to harness their exceptional mechanical properties in bulk forms. However, the results obtained have been disappointing 10 . The intrinsic mechanical properties of nanoinclusions have not been successfully translated into those in the bulk form, e.g., elastic strains of nanoinclusions embedded in composites are typically <1.0%, much lower than their intrinsic capabilities as exhibited in freestanding forms. This situation has been dubbed the "Valley of Death" in nanocomposite design 10 .
Over a long period in the past, the reason for this failure has been attributed to the less-than-ideal microstructure of the composites, such as imperfect distribution and alignment of nanoinclusions, low nanoinclusion volume fraction, and poor bonding and poor load transfer at the inclusion-matrix interfaces 10, 11 . Motivated by this understanding, intensive work have been made to overcome these microstructure imperfections, and the best achievement is probably represented by a Nb nanowire-Cu matrix composite 12, 13 . The composite contained well dispersed and well aligned Nb nanowires of high aspect ratios, and strong inclusion-matrix interfacial bonding. The maximum elastic strain achieved in the Nb nanowires in this composite is ~1.5% 12, 13 , still well below the expected 4~7% intrinsic elastic strains of the freestanding nanomaterials [1] [2] [3] [4] [5] [6] [7] [8] [9] .
A recent work has overcome this long-standing challenge and achieved ultra-large elastic strains of 6.5% in Nb nanowire inclusions in a NiTi shape memory alloy matrix composite. The achievement is attributed to the martensitic phase transforming matrix 14 . This breakthrough is enabled by a novel concept of lattice strain matching between the uniform ultra-large elastic strains (4~7%) of the nanoinclusions and the uniform lattice distortion (~7%) of the martensitic phase transformation in the matrix 14, 15 . This concept is schematically illustrated in Fig. 1(a) . The schematic depicts a situation when the composite is deformed to 3% global strain, at which point the phase transforming matrix is partially stress-induced into martensite. The red line represents the uniform elastic strain of the nanowires deformed to 3% strain as if they were free-standing. The blue line represents the lattice distortion strain distribution of the partially transformed matrix, with 7% representing the lattice distortion strain of the martensite and 0.3% represent the elastic strain of the parent phase. The purple curve represents the expected elastic strain distribution of the nanowires in martensitic phase transforming matrix 16 . It is seen that within the martensite regions the nanoinclusions have experienced large elastic strains. This is apparently due to the matching between the lattice distortion of the martensite and the elastic strain of the nanoinclusion. This strain matching condition assures effective load transfer from the matrix to the nanoinclusions at the atomic level, as expressed in the martensite regions in the figure. Continuation of the deformation will expand the martensite regions, thus the continued increase of the total length of the elastically stretched nanowire, as depicted in Fig. 1(b) for the moment of the completion of the stress-induced martensitic transformation at 7% global strain. This new concept explicitly requires the composite matrix not to deform via dislocation plasticity 14 , which is at the lattice level highly non-uniform (localized) and is poorly matched with the uniform elastic lattice strains of the nanoinclusions, as schematically illustrated in Fig. 1(c) . In a plastic deformation matrix, at a nominal 3% applied strain, only 3% of the lattice points are deformed to 100% lattice strain at each dislocation site (assuming only one dislocation slip passing at each location) and the majority of the lattice remains at the low elastic strain level. Further deformation will be realized by the increase of the number of slip sites and the multiple slips at the same site, as depicted in Fig. 1(d) , but the majority of the matrix lattice still remains at low elastic strains. Whereas proving its effectiveness, this martensite strain matching concept excludes a vast range of conventional metal materials and processing options for composite design by not permitting dislocation slip as the main mechanism of deformation of the matrix. slip matrix composite at 3% global strain and 7% global strain, respectively. The red line represents the uniform elastic strain of the nanowires deformed to 3% strain ( Fig. 1(a) and Fig. 1(c) ) and 7% strain ( Fig. 1(b) and ( Fig. 1(d) ) as if they were free-standing. The blue line represents the lattice distortion strain distribution of the partially transformed matrix ( Fig.  1(a) ), the fully transformed matrix ( Fig. 1(b) ) and dislocation slip matrix ( Fig. 1(c) and Fig.  1(d) ), with 7% representing the lattice distortion strain of the martensite ( Fig. 1(a) and Fig.  1(b) ), 0.3% represent the elastic strain of the parent phase ( Fig. 1(a) ) and dislocation slip matrix ( Fig. 1(c) and Fig. 1(d) ), 100% represent the lattice distortion at each dislocation site ( Fig. 1(c) ) and 300% represent the lattice distortion at dislocation pile-up site ( Fig. 1(d) ). The purple curve represents the expected elastic strain distribution of the nanowires in different matrices. (e) and (f) are the schematic of our design concept. Fig. 1(e) illustrates that the baseline elastic lattice strain of the matrix is increased from position I to position II. Scheme f-1 in Fig. 1(f) represents the case of a large grain (slip domain), which experienced deformation by the passing of one dislocation. Scheme f-2 in Fig. 1 (f) represents the case a large grain is departmentalized into smaller slip domains. In this case, to achieve the same magnitude of plastic deformation, a large number of dislocations are needed, with one in each domain.
Design Concept
However, rethinking of the concept of lattice strain matching, it is easy to understand that the actual reason of failure to achieve large elastic strains in the nanoinclusions in a non-martensitic matrix is not really the occurrence of dislocation slip but the low elastic lattice strain of the matrix, as illustrated in Fig. 1(c) and Fig. 1(d) for the regions between dislocations. In such matrices, the global deformation is severely localized at the lattice level at dislocation slip sites where the equivalent lattice strain can be easily several 100%, resulting in the majority of the lattice experiencing minimal elastic strains well below 1% 4 . It is obvious that the low elastic strains of the matrix can only induce as much elastic strains in the nanoinclusions in the composite.
Following this understanding, the strategy to overcome this problem becomes clear, i.e., to increase the baseline elastic lattice strain of the matrix from position I to position II, as schematically expressed by the dashed blue line in Fig. 1(e) . This implies that the matrix needs to be significantly strengthened to be able to withstand and exhibit large elastic lattice stains, so to allow effective load transfer from the matrix to the nanoinclusions and to induce high elastic strains in them.
However, to strengthen a matrix strong enough to exhibit large lattice strains is itself a high challenge and achieving that preempts the need to develop high strength materials. The maximum elastic strain achieved in single-phase bulk nanocrystalline materials is usually only ~1% 4, 17, 18 . This implies that the essence of the design philosophy is to achieve dual phase synergy between the matrix and the nanoinclusions. This is possible on the basis that the matrix is expected to exhibit large lattice strains at the local level, without having to achieve exceptionally high global strengths. To achieve this, the nanoinclusions should departmentalize the otherwise large grains of the matrix into very small domains for dislocation slip. By doing so, the number of dislocations is drastically increased for a same nominal plastic strain compared to a large grained structure, as schematically expressed in Fig. 1(f) . Scheme f-1 represents the case of a large grain (slip domain), which experienced deformation by the passing of one dislocation. Scheme f-2 represents the case a large grain is departmentalized into smaller slip domains. In this case, to achieve the same magnitude of plastic deformation, a large number of dislocations are needed, with one in each domain. The much densely placed dislocations within the slip domains help to raise the baseline lattice strains of the matrix, as expressed by curve II in Fig. 1(e) . The large lattice strains of the departmentalized matrix in turn induce large elastic strains in the nanoinclusions by the principle of lattice strain matching. In this regard, there is a clear synergy between the nanoinclusion and the matrix.
Results
To verify this hypothesis, we designed an in situ ultrafine composite composed of intermetallic Ti 3 Sn nanorods embedded in a B2-NiTi(Fe) plastic matrix. The matrix is designed to deform by dislocation slip instead of stress-induced martensitic transformation or martensite variant reorientation. Fig. 2 (g) shows a 360 integrated one-dimensional (1D) X-ray diffraction spectrum from the two-dimensional (2D) synchrotron high-energy X-ray diffraction pattern (the inset). The spectrum is fully indexed to the cubic Pm3m B2-NiTi(Fe) and the hexagonal P6 3 /mmc D019-Ti 3 Sn intermetallic phases. The inset in Fig. 2 (g) is its corresponding two-dimensional high-energy X-ray diffraction pattern of the composite. Differential scanning calorimetric measurement was also conducted, and no martensitic transformation was detected in the temperature range of -50C~150C (Fig. S1 ). room temperature. The inset shows its corresponding true stress-strain curve. It is seen that the composite exhibited significant strain hardening after an initial elastic deformation and achieved an ultimate compressive strength of 3.25 GPa and a fracture strain of 45%. To uncover the microscopic mechanism of the deformation of the composite, in situ synchrotron high-energy X-ray diffraction (HE-XRD) measurements were performed during compressive deformation (Fig. S2) . Fig. 3(a) shows the unrolled 2D HE-XRD pattern along the full azimuthal circle (0° to 360°) at the maximum applied strain. The pattern is fully indexed to the cubic Pm3m B2-NiTi(Fe) and the hexagonal P6 3 /mmc D019-Ti 3 Sn phases, implying that the deformation did not induce any martensitic phase transformation in the B2-NiTi(Fe) matrix and that the deformation mechanism was primarily dislocation slip ( Fig. S3 ). Fig. 3(b) shows the 360 integrated 1D HE-XRD spectrums of the composite during compression. The d-spacing range within which the B19'-NiTi(Fe) diffraction peak (001), d=0.459 nm, is expected is indicated by the dashed box, which has no overlap with other diffractions. It is evident that the B19'-NiTi(Fe) (001) diffraction peak is absent during the entire process of deformation, further proving that the B2-NiTi(Fe) matrix deformed only by dislocation slip. It is also seen that the Ti 3 Sn (100) diffraction peak split during deformation at high strain levels, as indicated by the twin arrows. This implies lattice strain anisotropy along the azimuthal angle, with the maximum "compression" occurring in the longitudinal direction ( Fig. S4(a) ) and the maximum "tension" occurring in the transverse direction ( Fig.  S4(b) ). along the loading direction as functions of the applied strain. The B2-NiTi(Fe) (110) lattice strain initially increased linearly up to 0.3%, reflecting the elastic deformation of the matrix, and then continued to increase at a much reduced rate with the applied strain, apparently when the plastic deformation commenced in the matrix. The maximum lattice strain reached was 1.6%, at an applied global strain of 31%. The strain-hardening effect, as measured by the elastic strain after the initial linear elasticity, is 1.3%, or 433% of the initial linear elasticity strain. In comparison, the lattice strain of Ti 3 Sn (201) increased nearly linearly up to 0.95% and then continued at a much reduced rate against the applied strain to a maximum of 1.75% at 31% applied strain. B2-NiTi(Fe) is the continuous matrix which provides bulk of the inelastic deformation of the composite. Ti 3 Sn is the hard and discontinuous inclusion which is expected to exhibit negligible plasticity. It is also evident that the elastic lattice strains are different between B2-NiTi(Fe) and Ti 3 Sn. This is apparently related to load partition between the more compliant NiTi(Fe) matrix and the stiffer Ti 3 Sn inclusions 12, 15 .
Due to sample restriction, the maximum applied strain of the in-situ HE-XRD compression is limited to 31%, which is less than the maximum strain achieved in free mechanical testing ( Fig. 2(h) ). From the true stress-strain curve shown in Fig. 2(h) , it is seen that the strength of composite continued to increase till rupture. Thus, the maximum elastic strains reached for the two constituent phases at a global strain of 45% (60% true strain) may be estimated by extrapolation to be ~1.75% for B2-NiTi(Fe) (110) and ~2.0% for Ti 3 Sn (201). The elastic strain of our B2-NiTi(Fe) plastic matrix is significantly higher than those found in other composite matrices that deform by dislocation slip (Fig. 3(d) ) 12, 13, [19] [20] [21] [22] [23] [24] [25] [26] . This is the reason that the elastic strains of the Ti 3 Sn inclusion in our composite are much higher than those of the hard inclusions in other composites, as demonstrated in Fig. 3(d) , Fig. S5(a) and Fig.  S5 (b) 12, 13, [19] [20] [21] [22] [23] [24] [25] [26] . Furthermore, the maximum elastic strain of Ti 3 Sn achieved in our B2-NiTi(Fe) dislocation slip matrix is comparable to that achieved in the B19'-NiTi phase transforming matrix 15 . A high lattice elastic strain implies high elastic stress. Using E=207 GPa for Ti 3 Sn 27 and E=140 GPa for B2-NiTi(Fe) 28 , the lattice elastic stresses, which are endured locally by the Ti 3 Sn nanorods and B2-NiTi(Fe) matrix in the composite, are estimated to be 4100 MPa and 2450 MPa, respectively. This implies that the Ti 3 Sn is the main load bearer and significantly contributes to the strength of the composite.
Discussion
It is evident that the B2-NiTi(Fe) matrix achieved large elastic strains, reaching 1.75%, and endured high elastic stresses up to be 2450 MPa. This is far greater than the strength usually measured for B2-NiTi(Fe) (~600 MPa) 28 . At the meantime, the Ti 3 Sn inclusions also exhibited large elastic strains of 2.0%, which is more than 6 times of what is typically measured for bulk Ti 3 Sn (approximately 0.3%) 29 , and high elastic stress of 4100 MPa. This is attributed to a synergistic effect between the ductile matrix and the hard inclusions.
Effective matrix-inclusion configurations for large elastic strains
As stated above, the central concept for increasing the baseline lattice strain is departmentalization of the matrix to effectively impede dislocation movement. In this regard, the microstructure of a matrix-inclusion composite may be described using three geometrical parameters: matrix grain size (g, parameter I), inclusion particle size (p, parameter II), and inclusion spacing (s, parameter III). Based on these three parameters, various matrix-inclusion configurations in composite can be classified into eight categories, as presented in Table S1 and schematically shown in Fig. S6 . The inclusion may be in the forms of wires, ribbons, rods, and discs. For simplicity, a prolate ellipsoidal inclusion shape of two different sizes are used to represent the coarse and the fine sized inclusions.
High lattice distortion strains may be created locally when dislocations are blocked at matrix-inclusion interfaces. The elastic strain fields on either side of the interface will attenuate gradually away from the interface 30 . For the hard and dislocation-impenetrable inclusions (rigid body, i.e., lack of plastic flow mechanism and without dislocation channel), load, and lattice strains, need to be transferred from the matrix across the interface, thus coarse inclusions (Figs. S6(a), S6(b), S6(e) and S6(f)) are unable to achieve large mean elastic strains. This eliminates the validity of the configurations presented in Figs. S6(a), S6(b), S6(e) and S6(f) (the gray and green regions in Table S2 and Table S3 ). For the lattice strains in the matrix, similar argument can be made for configurations with large inter-inclusion spacings, i.e., configurations presented in Figs. S6(c) and S6(g) (the yellow and red regions in Table S2 ). Therefore, the only options that may have a chance to achieve large elastic strains via matrix departmentalization are those presented in Figs. S6(d) and S6(h), which are also presented in Figs. 4(b) and 4(c). These two configurations are denoted as coarse(g)/fine(p)/fine(s) and fine(g)/fine(p)/fine(s) structures. In essence, the densely spaced hard inclusions effectively departmentalize the large grains of the matrix into much smaller domains with regard to dislocation movement, and the original grain size of the matrix is less relevant. In this regard, the two configurations expressed in Figs. S6(d) and S6(h) represent similar composite conditions for the topic concerned in this discussion.
Matrix-inclusion dual phase synergy for large elastic strains
The synergistic effect between the matrix and the inclusions may be explained as expressed in Fig. 4 . Fig. 4(a) presents the general understanding of the effect of grain size reduction on the strength (thus elastic lattice strain) of metals.
Limitation of grain size reduction
Region I in Fig. 4(a) represents the case where grain sizes are large, and the strength follows the Hall-Petch relation with grain size, as expressed by the blue line. This is due to the effect of grain boundaries in blocking the movement of dislocations, as shown in the lower inset in Region I. Continuing to decrease the grain size causes the strength to deviate from the Hall-Petch prediction, as expressed by the red curve. This is due to the increased annihilation of dislocations at the grain boundaries 31, 32 , as schematically indicated in the lower inset in Region II. This effect becomes significant at d <100 nm 31, 32 . It is also known that further decreasing grain size to below 10~15 nm leads to the "inverse Hall-Petch" relation 31, 32 (Region III), in which the strength decreases with decreasing grain size, as expressed by the green curve. In this size range, the grains are incapable of generating and containing dislocations, thus can be considered rigid bodies, and plastic deformation occurs predominantly by grain boundary mediated mechanisms, such as grain sliding and grain rotation 31 . In this regard, it is obvious that the ability of strength enhancement via grain size reduction is limited, and other mechanisms are needed to increase the strength in all these three regions. 
Strengthening in extremely fine nanograin region (Region III)
The main limiting reason for strength in region III are the grain boundary mediated processes. Thus small and close-spaced nanoinclusions at the length scale of the grain size can pin down the grain boundaries to restrict their plastic activities. This concept is schematically expressed in the upper inset in Region III. This may help to eliminate the inverse Hall-Petch effect and enhance the strength to above the green curve. Recently, Hu et al. reported a similar effect of grain boundary pinning by solute segregation (solute drag) along grain boundaries to strengthen the matrix of extremely fine nanograined Ni-Mo alloy against the inverse Hall-Petch effect 33 . The nanoinclusion pinning strategy has the same effect to the solute drag method. Wu et al. reported a nanostructured dual-phase Mg-based alloy containing extremely fine nanocrystalline grains (~6 nm) embedded in thin amorphous glassy matrix (~2 nm thick) 34 . During deformation, the nanocrystalline grains block the formation and propagation of localized shear bands of the amorphous matrix, and the amorphous matrix avoid the softening effect (inverse Hall-Petch effect) due to grain boundary mediated mechanisms in traditional single-phase 6-nm-sized grained materials. This demonstrates the dual phase synergetic effect between the nanocrystalline domains and the amorphous matrix, which leads to a near-ideal strength of the Mg-based alloy.
Strengthening in coarse grain region (Region I)
In region I metals experience limited strength due to the relatively free movement of dislocations across the coarse grains. One strategy to hinder the movement of dislocations is to introduce large population of densely spaced hard nanoincluisons. These nanoinclusions effectively departmentalize the large grains into small domains for dislocation activities, akin to the effect of nanograined matrix but without the adverse effects of grain boundaries for dislocation annihilation and the inverse Hall-Petch phenomenon. This concept is schematically illustrated in the upper inset in region I. A recent breakthrough on maraging steel clearly demonstrates this idea 35 . The extremely high number density and small size (~ 2.7 nm) of precipitates in this steel create high back stresses opposing dislocation movement, thus efficiently strengthening the matrix.
Strengthening in nanograin region (Region II)
In region II the main weakening mechanism is dislocation annihilation at grain boundaries, which requires short range movements of atoms at grain boundaries to accommodate and attenuate the lattice distortion of a dislocation 31 . The solution given for region I provides matrix-inclusion phase interfaces in places of grain boundaries in an otherwise nanograined matrix. The ability for a heterogeneous phase interface to accommodate and annihilate a dislocation is much lower than for a boundary between like grains because of the crystallographic incompatibility of the second phase to a dislocation. The solution given for region III has a two-fold effect on dislocation annihilation. It provides severe pinning to grain boundary activities, thus minimizing the chance of dislocation annihilation. In addition, the presence of densely spaced hard inclusions of the same size length scale of the grains also directs much of dislocation pile-ups towards these phase interfaces. As in the same argument presented above for the solution for region I, the phase boundaries have much reduced capability to annihilate dislocations. In this regard, the solutions given above for regions I and III are also effective in overcoming the main weakening mechanism in region II.
As seen above, the solutions in all three regions effectively instigate the same strategy: to introduce densely spaced hard inclusions. These specify the structures presented in Figs. 4(b) and 4(c)) (i.e., the structures shown in Figs. S6(d) and S6(h)). In such cases, the densely spaced hard and dislocation-impenetrable nanoinclusions hinder both dislocation-instigated plasticity and grain boundary mediated plasticity to cause strengthening of the matrix, thus high elastic strains at the local lattice level, which in turn facilitate effective load transfer from the matrix to the hard nanoinclusions and induce their large elastic lattice strains. This is the dual phase synergy effect of the composite.
Why the elastic strain of the inclusions is higher than that of the matrix
It is also evident in Fig. 3(c) that the average lattice strain of the inclusions is always higher than that of the matrix. This is a common phenomenon also observed in similar composites (with dislocation slip matrices). It may appear anti-intuitive, because that the elastic lattice distortion of the inclusions replies on load (and lattice distortion) transfer from the matrix. This is explained as following. Upon deformation of a composite, dislocations pile up around the inclusions at the interfaces. This implies that at near the inclusions the matrix lattice distortion is much greater than the average matrix lattice strain, which is measured by XRD.
On the other hand, every inclusion particle experiences such highly concentrated lattice strain levels. This situation is schematically illustrated in Fig. 4(d) .
Why earlier efforts have not worked
Much effort has been made in the past to create super composites using nanoinclusion reinforcement in dislocation slip matrices, and none succeeded. Taking the Nb nanowire-Cu matrix composite for example, the maximum elastic strain of Cu plastic matrix achieved was ~0.5% (also presented in Fig. 3(d) ) 12, 13 . This is attributed to the non-rigid nature of the Nb nanowires, which renders them ineffective as departmentalization agent to impede dislocation motion in the Cu matrix, thus failed in dual phase synergy. The elastic strain limit of the B2-NiTi(Fe) plastic matrix in our composite in the initial elastic deformation stage is only 0.3%, but the maximum elastic strain reached is ~1.75%, which is far greater than the elastic strains of free-standing B2-NiTi(Fe) 28 , or those of most other high strength bulk nanocrystalline metals or alloys (usually ~1%) 4, 17, 18 . Obviously, such large elastic strain of the B2-NiTi(Fe) matrix is assisted by the densely populated hard Ti 3 Sn intermetallic inclusions.
It should be pointed out that the microstructure of the present Ti 3 Sn/B2-NiTi(Fe) composite has not been optimized against the design strategy presented above. Much of structural optimization will require experimentation. Factors affecting the optimal microstructure design may include sizes and shape of the nanoinclusion particles, distribution, alignment and inter-particle spacing of the nanoinclusions, volume fraction of the nanoinclusions, and mechanical characteristics of the hard and dislocation impenetrable nanoinclusion phase. The actual values of these parameters are also dependent on the actual design objective, e.g., to achieve the best properties in Region II or Region III in Fig. 4(a) . With regard to this work, the eutectic solidification route for the creation of the in-situ composite dictates the volume fraction of the hard Ti 3 Sn phase. This is a common constraint for all eutectic systems. The Ti 3 Sn nanorod sizes could be further refined, e.g., via more rapid solidification. The optimal nanoinclusion size and inter-particle spacing are related to the scale of multiple dislocation movement, which is required for appreciable matrix plasticity and significant strain hardening, possibly in the order of 50~100 nm (to achieve ultimate strength in the inverse Hall-Petch region the optimal nanoinclusion size and inter-particle spacing may be ~10 nm). Global alignment of nanorod inclusions is also desirable to maximize mechanical properties in certain directions, and this may be promoted by directional solidification. The Ti 3 Sn phase has relatively low elastic modulus. Based on the design concept, nanoinclusion phases of higher elastic moduli are more desired. Such optimized microstructure is expected to be able to achieve higher elastic strains and higher strengths in nanocomposites.
Closing Remarks
This work advances our understanding and ability to design high strength composite materials. It proposes a new design concept of departmentalization of plastic deforming matrix with densely spaced hard and dislocation-impenetrable nanoinclusions. The departmentalization has dual effects with synergy between to induce high strength. The densely spaced hard and dislocation-impenetrable nanoinclusions departmentalize the matrix into many small domains to effectively impede long distance dislocation slip and to force rapid dislocation multiplication during plastic deformation, causing significant strengthening and large lattice elastic strains of the matrix. The high lattice strains of the matrix in return facilitate effective load transfer from the matrix to the hard nanoinclusions and induce their large elastic lattice strains. This dual phase synergy allows harnessing the intrinsic superior mechanical properties of the nanoinclusions embedded in a plastic deforming metal matrix. This achievement significantly expands our ability to design nanoinclusion reinforced high strength composites to beyond the limitation of martensite transforming matrices as suggested previously. This concept provides a new promise and much wider options for developing high-strength nanocomposites of unprecedented mechanical properties. Mechanical properties of the composite were tested in compression using a servo-hydraulic materials testing system (MTS 810) at room temperature at a strain rate of 5×10 -4 s -1 . Cylindrical compression samples of 5  10 mm in dimension were prepared according to American Society for Testing and Materials (ASTM) standards.
Methods
In situ synchrotron high-energy X-ray diffraction (HE-XRD) measurements were performed during compression on beamline 11-ID-C at the Advanced Photon Source, Argonne National Laboratory, USA.
Cylindrical samples of 1.6  3.2 mm in dimension were prepared. High-energy X-rays with an energy level of 115 keV, wavelength of 0.10798 Å and beam size of 0.6×0.6 mm 2 were diffracted in transmission geometry towards a Perkin-Elmer large area detector to obtain two-dimensional (2D) HE-XRD diffraction patterns. Gaussian fits were employed to determine the positions of the diffraction peaks. The lattice strain for a particular set of crystal planes is calculated as |d hkl -d hkl  |/d hkl  , where d hkl  is the "unstressed" lattice spacing (i.e., the peak position at zero applied stress). The error of the lattice strain measurements was estimated to be less than 0.05%.
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